INTRODUCTION
============

Epitaxial strain provides an alternative way to chemical composition for manipulating charge/orbital/spin order in correlated complex oxides. In epitaxial heterostructures and conventional layered structures, tremendous efforts have been devoted to tuning functional properties such as superconductivity ([@R1]), ferroelectricity ([@R2], [@R3]), ferromagnetism ([@R4]), antiferromagnetism ([@R5]), and multiferroicity ([@R6]) by epitaxial strain. Strain-induced tilting, rotation, and elongation of oxygen octahedrons in ferromagnetic perovskite oxides could significantly influence the physical properties such as Curie temperature (*T*~C~), magnetic anisotropy, and magnetotransport properties ([@R7]). Wang and Li ([@R8]) reported an enhancement of the magnetoresistance (MR) in 5- to 15-nm-thick Pr~0.67~Sr~0.33~MO~3~ films using out-of-plane tensile strain. Adamo *et al.* demonstrated that *T*~C~ and electrical properties of La~0.7~Sr~0.3~MnO~3~ (LSMO) thin films (22 nm) strongly depend on the biaxial strain. It was found that a large strain was needed to noticeably affect the electron transport ([@R9]). In addition, strain-induced perpendicular magnetic anisotropy in La~2/3~Ca~1/3~MnO~3~ thin films has been achieved in relatively thin layers ([@R10]).

Although such epitaxial strain--modified physical properties are fascinating, the thickness over which effective strain can be maintained is limited. In a conventional strain engineering framework, epitaxial strain is only effective below the critical thickness, which is usually less than a few tens of nanometers. Tuning electron transport by epitaxial strain has only been achieved in ultrathin layers because of the relaxation of epitaxial strains in relatively thick films. It was reported that epitaxial strain--induced MR decreased with increasing film thickness and diminished above 20 nm ([@R11]). Hence, tuning the magnetic and electron transport properties by strain in thick films is challenging. In addition, conventional strain engineering is achieved by selecting substrates with different lattice parameters ([@R9]). Currently available commercial substrates are, however, very few, and most of them are expensive. Therefore, it is difficult to tune the strain continuously by conventional strain engineering.

Vertically aligned heteroepitaxial nanoscaffolding films have been proposed to generate strain in thick films ([@R12], [@R13]). In general, these nanocomposite films have two phases with vertically matched interface. The amount of vertical lattice strain depends on a number of factors such as lattice constant mismatch, elastic constant mismatch, and thermal expansion coefficient mismatch ([@R12], [@R14]). Vertically aligned nanocomposites have been quite intensively studied to understand microstructures ([@R15]--[@R18]), interface couplings ([@R19]--[@R23]), electronic/ionic conduction along vertical interfaces ([@R24]--[@R27]), and strains ([@R28], [@R29]). Although epitaxial strain has been demonstrated to be a critical factor in controlling functional properties in conventional thin films, the deep knowledge about strain in vertical nanoscaffolding films is lacking. A few critical questions are open: (i) What are the underlying factors that control the vertical lattice strain, (ii) what is the strain distribution and how to control it, and (iii) how to establish a correlation between strain and functional properties without the influence of other factors such as microstructure. It has been demonstrated that both microstructure and vertical strain play critical roles in controlling functionalities in nanoscaffolding films ([@R30]). Previous reports have focused on tuning MR by microstructure control ([@R16], [@R17], [@R31]--[@R33]). Hence, using the vertical strain to manipulate functionalities such as magnetic anisotropy, magnetism, and electron transport in ferromagnetic perovskite thick films has not been achieved. Using this unique vertical strain to tune functional properties can be used in many different fields.

Here, we demonstrate that, by using the proposed strain design approach, large vertical lattice strain in the LSMO matrix can be designed by selecting two phases with a large lattice mismatch and a large elastic modulus mismatch. Phase-field simulations not only determine the strain distribution in nanocomposites but also reveal that the vertical interfacial area between the scaffold network and film matrix and the interfacial dislocation density at the vertical heterointerface determine the ultimate strain in nanocomposites. By controlling the vertical interfacial area (for example, nanoscaffold density and dimension), we systemically tune the strain up to 2%. The tunable strain significantly modifies the magnetic properties of the LSMO matrix. We have established correlations among vertical interface---strain---properties in nanoscaffolding thick films. The principle discovered in this work reaches beyond the material systems studied and can be generalized to a variety of functional materials for strain and functionality tuning.

RESULTS
=======

Strain design in vertically aligned nanocomposite films
-------------------------------------------------------

Similar to the lateral epitaxial growth, we define the lattice matching along the vertical interface as either domain matching (*m* lattices of phase A match with *m* + 1 lattices of phase B, *m* is an integer) or direct lattice matching as shown in fig. S1. In the case of direct matching of strained lattices, where *m* lattices of phase A match with *km* lattices of phase B (*m* and *k* are positive integer numbers), the lattice strain is usually large. The calculated lattice mismatch with direct lattice matching ranges from 2.3 to 8.7% (see table S1), which assumes that one phase is completely strained to match another phase ([@R20], [@R33]--[@R37]). The reported experimental strain ranges from 1.0 to 2.2%. The measured strain is consistently smaller than the calculated lattice mismatch in all reported systems. Table S2 summarizes the composite films with domain matching ([@R12], [@R17], [@R24], [@R27], [@R29], [@R38], [@R39]). The overall calculated misfit strain is small and less than 3.32%. For example, domain matching between LSMO and ZnO produces a vertical strain of 0.5% in LSMO ([@R31]). A serious issue is that the reported experimental values are not consistent with the calculated values. For epitaxial thin film growth, direct lattice matching is possible when a misfit strain is less than a threshold of \~7% ([@R40]). In the vertical nanoscaffolding thin films, it is meaningful to determine the misfit threshold for direct lattice matching. According to table S1, the maximum lattice mismatch that allows direct lattice matching for the epitaxial growth of vertical nanocomposites is at least \~9%. After selecting the epitaxial framework, lattice constants, elastic constants, and thermal expansion coefficient are important factors for designing systems with large strain (fig. S1). As we will demonstrate, the ultimate strain of a specific system in the synthesis stage is directly related to the vertical interfacial area and the interfacial dislocation density between these two phases, which can be tuned by volume fraction and growth condition (fig. S1). These three steps guide to design large strain in vertical nanoscaffolding films.

Microstructure characterizations of vertically aligned nanocomposite films
--------------------------------------------------------------------------

Both plan-view and cross-section transmission electron microscopy (TEM)/scanning transmission electron microscopy (STEM) have been conducted to understand the growth and the microstructure of LSMO:MgO films. [Figure 1A](#F1){ref-type="fig"} shows a typical cross-section STEM image of the film with MgO nanoscaffold (22%, if not specifically mentioned, represents the volume fraction) in the LSMO matrix. The dark contrast represents the MgO phase, whereas the light contrast indicates the LSMO phase because the atomic Z number of Mg is much smaller than that of La. The phase separation is further confirmed by plan-view STEM ([Fig. 1A](#F1){ref-type="fig"}, inset). It shows that MgO nanoscaffolds with a feature size of about 4 nm are randomly embedded in the LSMO matrix. The MgO nanoscaffolds penetrate through the whole film thickness (fig. S2). The high quality of the nanocomposite film is evidenced by the sharp diffraction dots (fig. S2). [Figure 1B](#F1){ref-type="fig"} shows that both LSMO and MgO phases are vertically aligned on the STO substrate. It is interesting to note the formation of one to two unit cells of LSMO on top of the STO substrate before the growth of the MgO phase ([Fig. 1C](#F1){ref-type="fig"}). The direct growth of LSMO (one to two unit cells) on STO is because the mismatch between LSMO and STO is only about 1%, whereas that between MgO and STO is larger than 7%. The formation of a layer that has a smaller lattice mismatch with the substrate is energetically favorable. In BiFeO~3~:CoF~2~O~4~ nanocomposites, a few unit cells of BFO were formed on the SRO/STO surface before the growth of CoFe~2~O~4~ ([@R41]). [Figure 1D](#F1){ref-type="fig"} illustrates typical vertical heterointerface between the LSMO and MgO phases. Although there is a large lattice mismatch of \~8.41% between LSMO and MgO, the heterointerface matches reasonably well along the thin film growth direction (fig. S2). These results indicate that high-quality nanoscaffolding films with epitaxial MgO nanoscaffolds in the LSMO matrix have been synthesized.

![Microstructure of nanoscaffolding films.\
(**A**) Cross-section STEM image showing the alternating growth of LSMO (white) and MgO vertical nanoscaffolds (dark) on STO (001) substrates. Inset: Plan-view STEM image of the LSMO:MgO films with 22% MgO phase, which shows the MgO nanoscaffolds, with a feature size of \~4 nm, in the LSMO matrix. (**B**) High-resolution STEM image showing the vertical MgO nanoscaffolds in LSMO phase. The red arrows point out MgO nanoscaffolds. (**C**) Zoomed-in yellow box area in (B) showing the film-substrate interface. One unit cell of LSMO transition layer is formed between nanocomposite film and substrate. (**D**) High-resolution STEM image showing the vertical interface between the MgO and LSMO phase.](1600245-F1){#F1}

Robust strain tunability in vertically aligned nanocomposite films
------------------------------------------------------------------

Typical 2θ-ω scans of LSMO:MgO nanocomposite films show that both LSMO and MgO phases are (00*l*) oriented on the STO substrate, without any detectable impurity phase (fig. S3). To study the strain tunability in the LSMO phase by the density of MgO nanoscaffolds, nanocomposite films with different MgO content *x* were grown on the STO substrate (fig. S3). Reciprocal space mapping (RSM) has been conducted to determine strain states. [Figure 2](#F2){ref-type="fig"} (A and B) shows the RSM for LSMO:MgO (40%) nanocomposite films, around the STO (002) and (103) peaks, respectively. "X~1~" and "Δ" represent the positions of single-phase LSMO and MgO films, respectively (fig. S4). "X~2~" represents the position of the LSMO phase after incorporating MgO nanoscaffolds. The inclusion of MgO nanoscaffolds downshifts the LSMO peaks in the *Q*~*z*~ direction and moves the peak from the X~1~ position to the X~2~ position ([Fig. 2](#F2){ref-type="fig"}, A and B), indicating an elongation of the LSMO out-of-plane lattice parameter. In contrast, MgO peak upshifts in the *Q*~*z*~ direction, indicating a compression of MgO out-of-plane lattice parameter (fig. S4). This is a direct evidence of the vertical lattice coupling.

![Nanoscaffold density--dependent strain and its distribution simulated by the phase-field method.\
(**A** and **B**) RSM (002) (A) and RSM (103) (B) of 450-nm nanocomposite films with 40% MgO. (**C**) Relationship between the strain state in the LSMO phase and the scaffold phase volume ratio (red represents MgO, and blue curve represents ZnO). (**D**) Simulated out-of-plane strain in LSMO:MgO by phase-field model with and without considering misfit dislocations. Top *x* axis represents the circumference obtained from simulations at different MgO volumes. (**E**) Schematic drawing of MgO nanoscaffold in the LSMO matrix with different MgO volume ratios (from left to right: \~5, \~11, \~23, and \~41%, respectively). (**F**) Calculated strain distribution in the LSMO matrix and MgO nanoscaffolds in the plane marked as white dash lines in (E) for different MgO compositions (from left to right: \~5, \~11, \~23, and \~41%, respectively). The film thickness of this simulated film is 250 nm.](1600245-F2){#F2}

The strain of the LSMO phase in the nanocomposites is summarized in [Fig. 2C](#F2){ref-type="fig"}. The out-of-plane lattice parameter of the LSMO phase has been changed from 3.852 Å (compression) in the single-phase LSMO film to 3.896 Å (tension) in the LSMO:MgO (15%) (fig. S4). By increasing the nanoscaffold density further (40% MgO volume), the out-of-plane parameter of the LSMO matrix increases to 3.938 Å (table S3). As shown in [Fig. 2C](#F2){ref-type="fig"}, the strain of the LSMO phase gradually increases and tends to reach a plateau by increasing the MgO nanoscaffold density. Remarkably, the tensile strain in the LSMO phase is as large as \~2% in the nanocomposite films (*x* = 40%). The increase of nanoscaffold density would increase the vertical heterointerface area and produce larger strain in thick nanocomposite films. It should be noted that such a large strain in relatively thick films is not feasible for conventional strain engineering because of the formation of misfit dislocations above the critical thickness. To demonstrate that the nanoscaffold phase plays a critical role in controlling the strain state of the nanocomposite films, the strain in the LSMO:ZnO films has also been plotted in [Fig. 2C](#F2){ref-type="fig"}. It can be seen that the strain in the LSMO matrix slightly increases with incorporating ZnO nanoscaffolds, but the magnitude is much smaller. The vertical strain in LSMO:MgO nanocomposite films is far larger than that in LSMO:ZnO with the same volume fraction of the nanoscaffold. The lattice mismatch between LSMO and ZnO through domain matching is only 0.46%, whereas that between the LSMO and MgO system is 8.41%. The elastic modulus of MgO is also larger than that of ZnO (table S4). Both larger lattice mismatch and elastic modulus mismatch are responsible for the larger strain state in the LSMO:MgO. It indicates that direct lattice matching with both a large lattice mismatch and elastic modulus mismatch gives rise to vertically aligned epitaxial nanoscaffolds with large vertical strain.

Strain state and its spatial distribution by phase-field simulations
--------------------------------------------------------------------

We have demonstrated that the strain in the matrix can be tuned by changing the nanoscaffold network. To study the spatial distribution of strain in the matrix, we performed three-dimensional (3D) phase-field simulations (see Materials and Methods). [Figure 2E](#F2){ref-type="fig"} shows the microstructure of computationally constructed nanoscaffolding films with MgO nanoscaffolds randomly embedded in the LSMO matrix (MgO fraction ranging from \~5 to \~41%). It is consistent with experimental observation ([Fig. 1A](#F1){ref-type="fig"}). [Figure 2F](#F2){ref-type="fig"} shows the simulated distribution of the out-of-plane strain in the nanocomposite films with a thickness of 250 nm. The strain distribution in nanocomposite films is uniform. Appreciable strain nonuniformity only occurs at the substrate-film and film-air interfaces. The uniformity of strain distribution is strongly related with film thickness. Completely opposite to conventional single-phase planar films, the thicker the film is, the better the strain uniformity is (fig. S5). The increased overall strain with increasing the nanoscaffold density is almost independent of film thickness. [Figure 2D](#F2){ref-type="fig"} shows that, if misfit dislocations are not considered in the model, the overall strain increases linearly with the increasing MgO volume fraction and the increasing vertical heterointerface area. Rather, the effective vertical strain follows a linear relationship when the MgO volume is less than 10% but deviates from the linear relationship at the larger MgO volume fractions because of the formation of misfit dislocations. The calculated out-of-plane strains agree with experimental results when dislocations are properly accounted for. The phase-field simulation results suggest that the strain status is directly related with the vertical interfacial area and the misfit dislocation at the heterointerface between MgO nanoscaffolds and the LSMO matrix. That is, the ultimate strain is controlled by the vertical coherent interfacial area.

Tuning functionality by varying nanoscaffold density
----------------------------------------------------

The strain in vertically aligned nanocomposite films can be tuned by changing the nanoscaffold density. This consequently manipulates the physical properties of the active phase such as LSMO, including the magnetic anisotropy and magnetotransport behaviors. The inset of [Fig. 3A](#F3){ref-type="fig"} shows the magnetic hysteresis (*M*-*H*) loop of LSMO:MgO nanocomposite film with 5% MgO. This film exhibits an in-plane easy axis. Perpendicular magnetic anisotropy was observed in LSMO:MgO (15%) nanocomposite films ([Fig. 3A](#F3){ref-type="fig"}). With increasing of the MgO nanoscaffold density, the easy axis of films switches from in-plane to out-of-plane. Strain has been considered to be a key factor for magnetic anisotropy in single-phase films ([@R42], [@R43]). The switching of magnetic anisotropy in nanocomposite films is correlated with the strain in the LSMO matrix. To exclude the microstructure effect on the magnetic anisotropy, the *M*-*H* of LSMO:ZnO (15%) nanocomposite films exhibiting an in-plane easy axis is shown in [Fig. 3B](#F3){ref-type="fig"}. These experimental results show that strain dominates the magnetic anisotropy of nanocomposite films. [Figure 3C](#F3){ref-type="fig"} shows the temperature-dependent resistance in pure LSMO, LSMO:ZnO (15%), and LSMO:MgO (15%) thin films. These films exhibit different metal-insulator transition temperatures (*T*~MI~). The *T*~MI~ of pure epitaxial LSMO film is \~350 K, which is close to the bulk value. A lower *T*~MI~ (315 K) is expected from LSMO:ZnO (15%) nanocomposite films. However, the *T*~MI~ for LSMO:MgO (15%) is only 150 K, which is significantly lower than that of LSMO:ZnO. The large vertical strain could be responsible for the large drop of *T*~MI~ in the LSMO:MgO system ([@R9]).

![Nanoscaffold density--dependent magnetic properties.\
(**A**) *M*-*H* loops of LSMO:MgO (15%) nanocomposite films. The inset is *M*-*H* loops of LSMO:MgO (5%) films. (**B**) *M*-*H* loops of LSMO:ZnO (15%) nanocomposite films. (**C**) *R*-*T* curves at 0 and 1 T for LSMO:ZnO (15%), LSMO:MgO (15%), and a reference LSMO film. (**D**) MR-*T* (1 T) curves for LSMO:ZnO, LSMO:MgO, and a reference LSMO film. (**E**) Scaffold phase volume ratio--dependent resistance at 100 K (red) and saturated magnetization (blue) at 20 K for LSMO:ZnO (15%) and LSMO:MgO (15%) films. The magnetizations have been normalized to the volume of LSMO. "Strain-induced" means that magnetization and resistance change are induced by the strain effect. "Volume-induced" means that resistance change is dominated by the volume effect. (**F**) Scaffold phase volume fraction--dependent MR (1 T, red) at 130 K for the LSMO:ZnO and LSMO:MgO films. The blue and green data points are MR measured under 3 and 9 T, respectively, for the LSMO:MgO films. The gray square highlights the MR measured at the same temperature but different magnetic fields.](1600245-F3){#F3}

The MR at 1 T is plotted in [Fig. 3D](#F3){ref-type="fig"}. It can be seen that, across a very broad temperature range, the LSMO:MgO films exhibit significantly enhanced MR compared to LSMO:ZnO with the same volume fraction of the scaffold phase. For example, the MR (1 T) of LSMO:MgO (15%) at 20 K is \~40%, whereas that of LSMO:ZnO (15%) is only \~3%. The resistance and magnetization versus scaffold phase volume are plotted in [Fig. 3E](#F3){ref-type="fig"} (red and blue, respectively). The significant increase in resistance in the LSMO:ZnO system occurs when ZnO volume approaches 50%. We defined the 50% as a volume-induced resistance transition threshold. In LSMO:MgO, however, the marked increase of resistance occurs at 15 to 20% of MgO, which is far below the volume percolation threshold in the LSMO:ZnO system. Hence, the strain could be the dominating factor that leads to a conductivity threshold of scaffold phase being as low as \~20%. We defined this 20% as a strain-induced resistance transition threshold. Another striking difference between LSMO:MgO and LSMO:ZnO is the volume-dependent magnetization, plotted in blue in [Fig. 3E](#F3){ref-type="fig"}. The magnetization in LSMO:ZnO reduces slightly with increasing the ZnO volume. However, the magnetization in the LSMO:MgO system experiences a significant drop across \~20% of the scaffold phase. The sharp drop of magnetization over 10 times \[from \~259 to \~25 electromagnetic units (emu)/cm^3^\] is another evidence that strain plays a critical role in determining the physical properties of LSMO:MgO ([Fig. 3E](#F3){ref-type="fig"}, solid blue curve). [Figure 3F](#F3){ref-type="fig"} shows the volume (scaffold phase)--dependent MR in both films. Largely enhanced MR in LSMO:MgO is located close to the strain-induced threshold (10 to 20% MgO). The MR maximum in LSMO:ZnO is located at the volume percolation threshold (50% ZnO). These results have demonstrated that the magnetic and magnetotransport properties in LSMO:MgO nanocomposite films are dominated by the vertical lattice strain.

Tuning functionalities by varying scaffold dimension
----------------------------------------------------

Another way of tuning the vertical strain is varying the feature size of nanoscaffolds as it changes the area of vertical heterointerface. To tune the size, LSMO:MgO (22%) nanocomposite films have been grown at different temperatures. [Figure 4A](#F4){ref-type="fig"} shows the symmetrical RSM scan close to STO (002). The upshift of the LSMO (002) peak and the downshift of the MgO (002) peak in the *Q*~*z*~ axis with increasing the growth temperature suggest a decrease of the LSMO out-of-plane lattice parameter and an increase of the MgO out-of-plane lattice parameter. It reveals the weakening of the strain coupling along the heterointerface with increasing the growth temperature (fig. S6). The higher the growth temperature is, the smaller the strain is. Higher growth temperature results in larger thermal diffusion coefficient and larger nanoscaffold size. As shown in [Fig. 4B](#F4){ref-type="fig"}, the dimension of MgO nanoscaffolds grown at 900°C (average, 16.8 nm) is larger than that grown at 835°C (average, 11.4 nm). The temperature-dependent nanoscaffold dimension is shown in [Fig. 4C](#F4){ref-type="fig"}. The diffusion-controlled growth mechanism is evidenced by the fitting to an Arrhenius equation ([@R44]). [Figure 4D](#F4){ref-type="fig"} shows that both strain and MR decrease with increasing growth temperature. In the intermediate strain region (strain less than 1.5%), relatively larger strain results in higher MR.

![Nanoscaffold dimension--dependent strain and properties.\
(**A**) RSM (002) of 600-nm LSMO:MgO (22%) nanocomposite films grown at different temperatures (from left to right: 750°, 790°, 835°, and 900°C, respectively). (**B**) Plan-view TEM images of films grown at 835° and 900°C, respectively. Scale bars, 10 nm. (**C**) Temperature-dependent nanoscaffold feature size. (**D**) Growth temperature--dependent strain and MR (20 K).](1600245-F4){#F4}

DISCUSSION
==========

The magnetic anisotropy in nanocomposite films is analyzed by vertical strain. Because the magnetocrystalline anisotropy energy is equivalent along the \[001\], \[010\], and \[100\] directions, the magnetic anisotropy is determined by magnetoelastic anisotropy energy and demagnetization energy. The demagnetization energy 2π*M*^2^ is determined to be 3.93 × 10^5^ ergs/cm^3^, considering that the saturated magnetization *M* is 226 emu/cm^3^ (15% MgO). The magnetoelastic anisotropy energy along the film growth direction is given by *K*~me~ = 3λ~\[001\]~*Y*~\[001\]~ε~oop~/2, where λ~\[001\]~ is the magnetostriction coefficient along the \[001\] direction. *Y*~\[001\]~ is given by *Y* = (*C*~11~ − *C*~12~)(*C*~11~ + 2*C*~12~)/(*C*~11~ + *C*~12~) ([@R45]), where the elastic constants for LSMO are *C*~11~ = 2.27 × 10^12^ dynes/cm^2^, *C*~12~ = 1.58 × 10^12^ dynes/cm^2^ ([@R46]), and λ~\[001\]~ \~100 ppm ([@R47]). ε~oop~ is the strain along the out-of-plane direction. The lattice parameters, strain states, and strain anisotropy energy of the LSMO matrix are summarized in table S3. With a small amount of MgO (for example, MgO \<5%) in the matrix, both shape anisotropy and strain anisotropy (*c/a* \<1) prefer the in-plane easy axis. With increasing MgO volume (\>5%), perpendicular magnetic anisotropy is observed because the large out-of-plane strain anisotropy energy induced by the scaffolds dominates (table S3). In addition to the strain-controlled magnetic anisotropy, the higher strain is also responsible for the markedly reduced magnetization in LSMO:MgO. The large strain results in lattice distortion, oxygen vacancies, and octahedral tilting/rotation, which can significantly modify the ferromagnetism in LSMO ([@R7], [@R48]). Our density functional theory (DFT) calculation suggests that strain-induced oxygen octahedral distortion markedly reduces the magnetization (fig. S7) ([@R7], [@R9], [@R49]).

Moshnyaga *et al.* reported a phase transition--induced large colossal MR in La~0.7~Ca~0.3~MnO~3~:MgO films. However, the MgO boundary played a significant role in the magnetotransport, because MgO phases were concentrated exclusively within the phase boundaries of the La~0.7~Ca~0.3~MnO~3~ phases ([@R33]). Previous results have demonstrated that the microstructure itself plays an important role in controlling the magnetotransport properties ([@R16], [@R17]). To establish the correlation between strain and functional properties, we have eliminated the microstructure effect in our study by comparing the properties in the LSMO:MgO and LSMO:ZnO films with the same volume of the scaffold phase (10 to 20%). It is well below the volume percolation threshold. When the nanoscaffold density is low (10 to 20%), carriers tend to conduct in the LSMO phase because the LSMO is well connected as a matrix ([Fig. 1A](#F1){ref-type="fig"}, inset). Therefore, the MgO pillars do not serve as tunneling barrier when the secondary phase content is well below the percolation threshold. In addition, the effect of dimension confinement on physical properties is very limited when the secondary phase volume is low. For example, the *T*~C~ and magnetization of LSMO:ZnO nanocomposites with 10% ZnO in volume are almost the same as those of the pure LSMO films. Therefore, the enhanced MR in LSMO:MgO, compared to LSMO:ZnO, is dominated by the vertical strain effect.

The strain in nanocomposite films is controlled by the contact area of the vertical heterointerface. The nanoscaffold MgO vertical surface area *S* is linearly proportional to its volume *V* if the dimension of the scaffolds size is constant (fig. S8). Experimentally, the strain increases linearly with the MgO volume (vertical interfacial area between MgO and LSMO) when the MgO volume is less than 10% ([Fig. 2D](#F2){ref-type="fig"}). At higher MgO volumes, the interfacial dislocation density increases. This is a dominating factor for the deviation of strain from the linear relationship. In addition, randomly distributed nanoscaffolds tend to contact each other, which slows down the increased rate of the total vertical interfacial area (fig. S9). This can be another factor for the strain deviation. In the case of increasing the nanoscaffold dimension with a fixed volume fraction, the vertical surface area is inversely proportional to the nanoscaffold dimension (fig. S10). Thus, the strain and the MR gradually increase with decreasing nanoscaffold feature size ([Fig. 4D](#F4){ref-type="fig"}).

In conclusion, we demonstrated that, via the framework---design---synthesis approach, large and uniform vertical strain can be achieved in thick nanocomposites. Phase-field simulations have predicted strain distribution in thick nanoscaffolding films and determined that the vertical interfacial area and interfacial dislocation density between the scaffold network and film matrix control the ultimate strain status. Experimental results confirm theoretical conclusions and prove that the vertical strain plays a critical role in manipulating magnetism, magnetic anisotropy, and low-field magnetotransport in thick nanoscaffolding films. Therefore, this work provides guidance to design large strain in nanoscaffolding films and use the large vertical strain to tune functional properties beyond magnetism and magnetotransport.

MATERIALS AND METHODS
=====================

Film growth
-----------

The vertically aligned LSMO:MgO nanocomposite films (250 to 600 nm) were heteroepitaxially grown on STO (001) substrates by pulsed laser deposition (Lambda Physik, 248 nm, 2 J/cm^2^). An image beam method was used to obtain stabilized and uniform laser energy density on the target ([@R50]). The composite targets were synthesized by the conventional ceramic sintering process. The oxygen pressure is kept at 100 mtorr, and substrate temperature ranges from 750° to 900°C during deposition of films. The growth rate was \~0.25 Å/pulse. All samples were post-annealed at 600°C for 60 min under 600-torr oxygen to minimize the oxygen vacancies. After annealing, samples were cooled down to room temperature at 5°C/min.

Characterization
----------------

The structures were examined by high-resolution x-ray diffraction (XRD) (PANalytical's MRD) using Cu-K~α~ radiation (λ = 1.5406 Å). The microstructures were characterized by STEM/TEM (FEI Tecnai G^2^ F20 and F30). An FEI Titan G^2^ 800-200 STEM (operated at 200 kV) with a probe Cs corrector and ChemiSTEM technology (X-FEG and SuperX EDS with four windowless silicon drift detectors) was used to record high-resolution STEM images. STEM high-angle annular dark-field images were recorded with an annular detector with a collection range of 0.6 to 1.6 mGy. The magnetotransport properties were investigated by Physical Properties Measurement System (PPMS, Quantum Design). During the magnetotransport measurements, the magnetic field up to 9 T was applied perpendicular to the film plane, and the current was applied in the film plan along the \[100\] direction. The resistance of nanocomposite films was measured during the warm-up process from 20 to 350 K at a heating rate of 2 K/min. Both out-of-plane and in-plane *M*-*H* loops were recorded by the vibrating sample magnetometer option in the PPMS at 10 K. Samples have been thermally demagnetized before measurements.

3D phase-field simulation of strain distribution
------------------------------------------------

An in-house microstructure-property modeling package based on phase-field method ([@R51]), namely, μ-Pro, is used to calculate the effective out-of-plane strain ([Fig. 2D](#F2){ref-type="fig"}) and the strain distribution ([Fig. 2F](#F2){ref-type="fig"}). 3D discretized grids of 200Δ*x* × 200Δ*y* × 500Δ*z* (Δ*x* × Δ*y* × Δ*z* = 1 nm × 1 nm × 1 nm) are constructed to describe four different phases including the substrate (the bottom 200 layers of grids), LSMO-MgO nanoscaffolding film (the middle 250 layers of grids, corresponding to a nominal film thickness of 250 nm), and the air (the top 50 layers of grids). The air phase with zero elastic stiffness constant is introduced to establish the stress-free boundary condition on the film surface. The strain distribution in the system is obtained by solving the mechanical equilibrium equation ∇ ⋅ \[*c*(ε − ε^0^)\] = 0, where *c* is the local elastic stiffness tensor; the total strain tensor ε is the sum of a homogeneous strain tensor ε^hom^ (=*a*~STO~ − *a*~LSMO~/*a*~LSMO~ for diagonal components and 0 for off-diagonal components), describing the substrate-imposed macroscopic deformation of the LSMO matrix, and a heterogeneous strain ε^het^ whose volume average is zero ([@R52]). ε^het^ is obtained on the basis of ε^het^ = 0.5\[(∇ ⋅ *u*)^*T*^ + (∇ ⋅ *u*)\], with *u* representing the displacement tensor; ε^0^ is the mismatch strain between the constituting solid phases and the reference phase (that is, the LSMO matrix, in which ε^0^ = 0). Four field variables η~*i*~ (*i* = 1, 2, 3, 4) are introduced to describe the phases, for example, η~1~ = 1 in the substrate phase, whereas η~1~ = 0 in the other phases. In this case, the spatially variant elastic/strain/displacement tensors can be described using these field variables. For example, the elastic stiffness tensor can be written as $\mathit{c} = \sum\limits_{\mathit{i}}\mathit{c}_{\mathit{i}}\eta_{\mathit{i}}$, where the subscript *i* (=1, 2, 3, 4) indicates a given phase. The mechanical equilibrium equation is solved using a Fourier spectral iterative perturbation method ([@R53]). Given the large lattice mismatch between the constituting phases, the influence of interfacial dislocations must be taken into account to properly predict the average out-of-plane strain as a function of the MgO pillar phase fraction (*f*~MgO~); otherwise, the calculated strain would increase linearly with increasing *f*~MgO~ because of the linearly increased area of the LSMO-MgO interface, as shown in [Fig. 2D](#F2){ref-type="fig"}. The elastic stiffness tensors of the MgO and STO are listed in table S4 ([@R46], [@R54]--[@R56]).

We assume that the misfit dislocations form at the horizontal MgO-STO interface and the vertical LSMO-MgO interface because of their much larger lattice mismatch than that of the LSMO-STO interface. The ε^0^ in the STO substrate is calculated as ε^0^ = (*a*~STO~ − *a*~LSMO~)/*a*~LSMO~ ≈ 0.904%. The in-plane diagonal components of the residual (that is, after relaxation through forming dislocations) ε^0^ in MgO pillars ($\varepsilon_{\text{IP}}^{0} = \varepsilon_{11}^{0} = \varepsilon_{22}^{0}$) are expressed as$$\varepsilon_{\text{IP}}^{0} = \frac{- \varepsilon_{\text{IP}}^{\prime}\mathit{a}_{\text{MgO}} + \mathit{a}_{\text{STO}} - \mathit{a}_{\text{LSMO}}}{\mathit{a}_{\text{LSMO}}}\varepsilon_{\text{IP}}^{\prime} = \varepsilon_{\mathit{f}_{\text{MgO}}\rightarrow 0\%}^{\prime}\left( 1 - \mathit{f}_{\text{MgO}} \right) + \varepsilon_{\mathit{f}_{\text{MgO}} = 100\%}^{\prime}\mathit{f}_{\text{MgO}}$$where $\varepsilon_{\mathit{f}_{\text{MgO}}\rightarrow 0\%}^{\prime}$ denotes the in-plane mismatch strain between the MgO phase and the STO substrate when there is an infinitesimally small amount of MgO pillars (for example, hypothetically, one single MgO pillar with small radius) in the LSMO film matrix. In this case, there is no space for the formation of dislocation at the STO-MgO interface, and hence, the substrate-induced strain \[ε~app~ = (*a*~STO~ − *a*~MgO~)/*a*~MgO~\] can be fully imparted on the MgO pillar, that is, $\varepsilon_{\mathit{f}_{\text{MgO}}\rightarrow 0\%}^{\prime} = \varepsilon_{\text{app}}$. As another extreme, $\varepsilon_{\mathit{f}_{\text{MgO}} = 100\%}^{\prime}$ denotes the mismatch between a continuous MgO film and the STO substrate. According to the formula by Qiu *et al*. ([@R57]), it can be written as$$\varepsilon_{\mathit{f}_{\text{MgO}} = 100\%}^{\prime} = 1 - \frac{1 - \varepsilon_{\text{app}}}{1 - \varepsilon_{\text{app}}(1 - \frac{\mathit{h}_{c}}{\mathit{h}})}$$where *h* is the film thickness (≈250 nm) and *h*~c~ is the critical thickness beyond which the interfacial dislocation would appear. At *h*~c~, the area elastic energy density cost of holding a nominal mismatch strain (in this case, about −7.24%) in the film, *f*~elast~, equals the area energy density cost of forming an interfacial dislocation, *f*~disl~ ([@R58]). With this in mind, our derivation (see S1) suggest that ([@R59]), for an edge dislocation that is commonly observed a the film-substrate interface ([@R60]), *h*~c~ can be obtained by solving$$\frac{\mathit{h}_{c}}{\text{ln}\left( \frac{\mathit{h}_{c}}{\mathit{b}} \right)} = \frac{\mathit{b}}{8\pi(1 + \mathit{v})\varepsilon_{\text{app}}}$$where ν = *c*~12~/(*c*~11~ + *c*~12~) is the Poisson's ratio of the MgO and *b* is the magnitude of Burger's vector \[*b* ≈ 2.977 Å for an *a*/2\<110\> type edge dislocation in MgO ([@R59])\]. For the present ε~app~ of about −7.24%, solving [Eq. 3](#E3){ref-type="disp-formula"} yields an *h*~c~ of about 1.2 Å. This further leads to $\varepsilon_{\mathit{f}_{\text{MgO}} = 100\%}^{0}$ of about −0.0032%, suggesting an almost complete strain relaxation. Building on these, the residual in-plane mismatch strain in MgO (see [Eq. 1](#E1){ref-type="disp-formula"}) at a given *f*~MgO~ is calculated as a linear combination of $\varepsilon_{\mathit{f}_{\text{MgO}}\rightarrow 0\%}^{0}$ and $\varepsilon_{\mathit{f}_{\text{MgO}} = 100\%}^{0}$ (see the second row in [Eq. 1](#E1){ref-type="disp-formula"}), followed by a conversion from the MgO reference to LSMO reference (see the first row in [Eq. 1](#E1){ref-type="disp-formula"}).

The out-of-plane diagonal component of the residual ε^0^ in MgO pillars ($\varepsilon_{\text{OOP}}^{0} = \varepsilon_{33}^{0}$) is determined by the nominal mismatch between the vertical LSMO-MgO interface (denoted as ε~app~ as well) and the possible dislocations therein. $\varepsilon_{\text{OOP}}^{0}$ plays a dominant contribution to the calculated effective out-of-plane strain shown in [Fig. 2D](#F2){ref-type="fig"}. By analogy to conventional horizontal film growth, we assume that there is a critical radius (*R*~c~) for the MgO pillars beyond which the dislocations form at the vertical interface to relax the ε~app~. The magnitude of *R*~c~ should not only decrease with increasing ε~app~ similarly to the case of *h*~*c*~ (cf. [Eq. 3](#E3){ref-type="disp-formula"}) but also decrease with increasing volume fraction of the MgO pillars (*f*~MgO~). The latter is the major difference from conventional horizontal film growth. Bearing these in mind, we develop an analytical model to estimate *R*~c~ through the following equation (see details of derivation in the Supplementary Materials)$$\frac{\mathit{R}_{c}}{\text{ln}\left( \frac{2\mathit{R}_{c}}{\mathit{b}} \right)} = \frac{\mathit{G}\mathit{b}\mathit{k}}{\left( 1 - \mathit{f}_{\text{MgO}} \right)\sqrt{\mathit{f}_{\text{MgO}}}(1 - \mathit{v})\pi\mathit{Y}\varepsilon_{\text{app}}}$$where *G* = *Y*/\[2(1 + *v*)\] is the shear modulus of the MgO, *Y* is the Young's modulus, and *k* is a unitless prefactor (*k* \> 0) that relates the volume fraction of the MgO pillars (*f*~MgO~) to the radius of the dislocation loop surrounding the MgO pillars (see discussion in S1). Note that this *k* (=0.38 for the simulation results in [Fig. 2D](#F2){ref-type="fig"}) is the only fitting parameter in our model. With known *R*~c~, $\varepsilon_{\text{OOP}}^{0}$ can then be calculated analogously to [Eq. 2](#E2){ref-type="disp-formula"}, where *h*~c~ should be replaced with *R*~c~ in the formula.
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